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1. INTRODUCTION: HETEROEPITAXIAL METAL GROWTH

Epitaxial thin films have attracted considerable attention in recent years in
the search for new materials. The growth of crystalline films on a crystalline
substrate (epitaxy) offers the opportunity to create metastable structures with
novel physical and chemical properties. The structure and the properties of the
film can be manipulated by the geometric and electronic structure of the
substrate. A topical example is the heteroepitaxial growth of Fe on the Cu(100)
surface [1], in which the lattice misfit forces Fe films below a critical thickness
to adopt the face-centered-cubic (fcc) structure of the Cu substrate, although
under normal conditions Fe has a body-centered-cubic (bcc) structure. The fcc
Fe-films are particularly interesting with respect to their magnetic properties [2].

In most cases heteroepitaxy involves lattice mismatch between deposit and
substrate that will produce strain in the epitaxial layer. The presence of strain
can not only force the heteroepitaxial layer into a metastable “artificial®
structure but can also severely affect the layer morphology. When a
heteroepitaxial layer is grown, initially a flat surface might result under ideal
growth conditions when internal defects are suppressed and the layer adopts a
pseudomorphic structure. With increasing thickness the strain energy increases
proportional to the coverage and the epitaxial film eventually will find a way to
relieve the strain. Usually this occurs by the introduction of defects such as
dislocations into the epilayer [3, 4] or by roughening of its surface [5, 6]. Since
smooth epilayers with atomically abrupt interfaces are desired for most
applications, the understanding and control of strain relief and its influence on
the film morphology are of primary importance. In this review we discuss the
effects of strain in heteroepitaxial metal growth and give some examples of the
variety of mechanisms nature has invented to relieve strain. The examples are
mainly taken from the laboratory of the authors, concentrating on systems which
grow phase separated. Systems in which interfacial alloying plays a dominant
role are discussed in detail by Besenbacher et al. in Chapter **. We illustrate in
Section 3 that atomic scale surface probes like STM give unprecedented



microscopic insights into growth phenomena and demonstrate that in most cases
the scenario of strain relaxation is more complex than suggested by simple
continuum models.

While the importance of strain relief for the film structure and morphology
has long been studied, the effect of strain on the kinetic processes has hardly
been recognized. In molecular beam epitaxy (MBE), in particular for metals,
however, thin films are usually grown under experimental conditions far from
equilibrium [7]. Film growth will then be governed by kinetic processes, e.g.,
adatom diffusion on terraces, along and across atomic steps, as well as the
nucleation and dynamics of stable and unstable nuclei. Homoepitaxial systems
were believed to be ideal model systems to study these kinetic processes in their
pure form, without the complications arising from strain or different surface
energies of substrate and film [8]. It was hoped that the knowledge gained for
homoepitaxial systems could be simply transferred to heteroepitaxial systems.
We recently demonstrated, however, that strain has a dramatic influence on the
kinetics of the microscopic processes determining epitaxial growth [9-11]. In
paragraph 4 we discuss in detail the effect of strain on the nucleation kinetics
and on the interlayer mass transport. We also indicate how these strain effects
can be exploited to tailor the growth morphology of the heteroepitaxial film.

2. THERMODYNAMIC GROWTH MODE AND STRUCTURAL
MISMATCH

The growth mode of a film is usually classified according to the morphology
[12, 13]. In the Frank-van der Merwe growth, also known as layer-by-layer
(LBL) growth, the film forms a sequence of stable uniform layers with
increasing coverage. In cluster or Volmer-Weber growth three-dimensional
clusters of the deposit nucleate directly on top of the bare substrate. An
intermediate situation is the Stranski-Krastanov growth in which the deposit
grows initially in a few (often only one) uniform layers on top of which 3D-
islands are formed. The growth modes are of great technological relevance as
uniformity of film thickness and structural perfection are crucial in device
fabrication. It is obvious that the growth of well-defined layer structures with
abrupt interfaces requires the layer-by-layer growth mode.

In a naive picture the equilibrium configuration of a heteroepitaxial system
is determined by the competition between the film-substrate interaction and the
lateral adatom interaction in the film, describing the anisotropy of chemical
bond strength parallel and perpendicular to the interface. Usual measures of
these quantities are the isosteric heat of adsorption V, and the lateral adatom
attraction e;. Based on simple thermodynamics [14], it was argued that layer-by-
layer growth should be observed for "strong" substrates, where the adsorbate-
substrate interaction V, dominates the lateral film interaction e, "Weak"
substrates, on the other hand, should favor 3D cluster growth. Physisorption
experiments, designed to test these predictions [15, 16], revealed however, that
layer-by-layer growth was restricted to a very narrow intermediate range of
substrate strengths. Both small as well as large V/e, values resulted in cluster



growth.

A more rigorous thermodynamic treatment for the prediction of the growth
mode of heteroepitaxial systems was given by Ernst Bauer many years ago [12].
In the case of a film composed of n-layers the criterion for layer-by-layer growth
is given by

Yim) + Yim) - Vs < O (1)

with ¥, and ¥rm) the surface energies of the semi-infinite substrate and the n-
monolayer film and ¥;y) the interfacial energy. Eq. (1) is rigorously fulfilled in
the trivial case of homoepitaxy, when ¥fm) = ¥ and Yim) = 0. In the heteroepitaxial
case the obvious condition for LBL growth is that ¥¢ < y;. The inequality has to
be large enough to fulfill Eq. (1) because in general the interfacial energy has no
reason to be negative, because substrate and deposit have different
crystallographic structure, or at least different natural lattice parameters; thus in
general Y51y = W and/or (1) are positive and non negligible.

Bauer and van der Merwe [17] have included in ;) the n-dependent strain
energy of the film. In order to emphasize the role of the structure, Eq. (1) may
be also written for each layer of the film as

Yim) + Yima-1) - Yiw-1) < 0 (2)

with Yim,n-1) the interfacial energy between the n-th layer and the (n-1)-th
layer of the film. Because the surfaces of the layers n and n-1 consist of the
same chemical species, Yim) = Yrn-1) With Yim) slightly smaller if the n-th layer has
a more "natural" structure than the (n-1)-th layer, which it certainly tends to
have. Howeyver, if the structures of the two layers, n and n-1, differ significantly,
the interfacial energy Yim,n-1) becomes important and of course positive and Eq.
(2) is not fulfilled. We can thus conclude that even if yf < 7y, is fulfilled, but the
structure of the first monolayer differs appreciably from that of its own bulk, 3D
growth may set in above the first monolayer and the film grows in Stranski-
Krastanov mode. The onset of this growth mode may be retarded a few
monolayers by long range influences of the substrate, but still there will be no
layer-by-layer growth.

The rather restrictive condition for layer-by-layer growth, that the structure
of the first monolayer must be almost identical to that of its own bulk, is
supported by a molecular dynamics simulation of Grabow and Gilmer [18].
Their result is summarized in a "phase diagram" in Fig. 1. The deposition on an
fcc(100) substrate surface only occurs in a layer-by-layer mode for strong
substrates Vo/e, > 1 with negligible structural misfit m = O (thick line). The
importance of the structural mismatch is also evident in the phase boundary
between the Stranski-Krastanov growth and Volmer-Weber growth which shifts
substantially to larger substrate strengths with increasing lattice mismatch.
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Figure 1. Phase diagram of multilayer growth on an fcc(100) surface in the substrate strength-
misfit plane, according to ref. [18].

As already discussed in the introduction film growth from atoms deposited
from the gas phase is a non-equilibrium phenomenon governed by the
competition of thermodynamics and kinetics. The above considerations are only
applicable for growth conditions close to thermodynamic equilibrium, i.e., at
high substrate temperature and low deposition flux. With decreasing temperature
and increasing flux, i.e., increasing supersaturation, kinetic effects become more
important and finally dominate film growth. In Section 4 we discuss in detail the
atomic nature of the most relevant kinetic processes involved in epitaxial growth
and explore their sensitivity to strain.

3. STRAIN RELIEF AND STRAIN INDUCED STRUCTURES

Intuitively, it is obvious that the epitaxial growth of one metal on another is
easiest, if the structural mismatch between the two metals is negligible. In
Fig. 2a lattice matched growth, where the lattice parameter of the substrate a and
that of the deposit b coincide, is illustrated. Unfortunately, lattice matched
systems are the exception rather than the rule. Usually the crystal structure
between substrate and deposit differs and strain effects become important. The
usual measure to quantify the strain is the misfit m, defined as the relative
difference of the lattice parameters m=(b-a)/a.

The lattice mismatch between film and substrate material in heteroepitaxial
growth leads to strain in the film until the film has adopted its bulk geometry
through introduction of strain relieving defects. It is important to understand this
strain relief, since the defects influence the morphology and the physical
properties of the film. Frank and van der Merwe [3] were the first to address



theoretically the strain relaxation in an epitaxial system. Based on the Frenkel-
Kontorova approach [19] they modeled a monolayer of deposit atoms on a rigid
substrate by a one-dimensional chain of atoms coupled by elastic springs subject
to an external sinusoidal potential. Later, van der Merwe [20] and Jesser and
Kuhlmann-Wilsdorf [21] developed a more sophisticated approach treating the
substrate and adlayer as elastic media with an external sinusoidal stress imposed
at the interface.
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Figure 2. Interfacial structure in an heteroepitaxial system. Shown are lattice matched growth
(a), strained coherent growth (b), as well as dislocated growth (c), B stands for the burgers
vector, and T for threading dislocation. In all cases a layer-by-layer growth mode is assumed.

The theoretical models predicted the existence of a critical misfit m = m,,
depending on relative bond strengths, below which a pseudomorphic epilayer
can grow (Fig.2b). In the pseudomorphic state, the film lattice is
homogeneously strained into registry with the substrate in the interfacial plane,
but can distort tetragonally in the perpendicular direction in order to preserve the
volume of the unit cell. The perpendicular lattice constant is given by Eq. (3)

by = a (1+m) (1+v)/ (1-v) 3)

Ey=2G (1+v) m2/ (1-v) )

where V is the Poisson ratio of the deposit material. The elastic strain energy
density in the pseudomorphic epilayer is given by Eq. (4), where G is the shear
modulus of the deposit material. As the thickness of the pseudomorphic film
increases, the elastic strain energy increases and the pseudomorphic epilayer
finally becomes unstable at a critical thickness h = h.. Above the critical
thickness it costs too much energy to strain the additional deposit layers into
registry with the substrate and the strain is partially relieved by the introduction
of misfit dislocations (Fig. 2¢) [20, 21]. With further increasing film thickness
the dislocation density increases until the average strain is eventually reduced to
zero, i.e. the adlayer has relaxed towards its natural lattice parameter.



The critical thickness h, is determined by the elastic constant and the actual
misfit m:

h/z=[8rn(1+v)m]! [1+In{ (1-v)z/2nd } +In {4 h/z } ] (5)

here d is the spacing between the atomic planes on each side of the interface
and z is an "intermediate" lattice constant z = 2ab/(a+b). A very similar
expression was derived by Matthews and Blakeslee [4] who developed a simple
approach based on the stress acting on a pre-existing dislocation in the substrate
which threads up through the epitaxial overlayer. For typical metal-metal
systems h, is calculated to vary from below 1 A (iml > 10%) up to 10-200 A for
small misfits (Iml < 2%) [21].

Qualitative and quantitative tests of the predictions of the pseudomorphic to
strain relaxed transition have been made for numerous heteroepitaxial systems,
including semiconductor/semiconductor, oxide/semiconductor and metal/metal
interfaces [22]. While epitaxial combinations of semiconductors and oxides
were usually found to exhibit critical thickness and residual strain far in excess
of prediction, heteroepitaxial metal systems were believed to fit well with the
predictions. This agreement was ascribed to the fact that in metals the lattice
offers less resistance to dislocation motion. It was, however, recently shown that
also in the case of metal-on-metal systems substantial deviations between theory
and experiment exist [23-27]. In the following paragraphs we will describe some
of the relevant experiments and discuss the physical origin of this discrepancy.

3.1. Dislocations and the strain relief at hexagonal close-packed interfaces

The continuum model for predicting the pseudomorphic film thickness
completely ignores atomic details of the interface structure. Indeed, it has
recently been found to fail in the description of hexagonal close packed
interfaces [23-25]. This failure is related to the particular structure of close-
packed metal surfaces with two favorable adsorption sites, fcc and hcp three-
fold hollow sites (Fig. 3a). While these two sites generally have similar
adsorption energy, the occupation of bridge or on-top sites is associated with a
large energy penalty. Strain at these interfaces can easily be accommodated by
the introduction of fcc-hep stacking faults acting as misfit dislocations (domain
walls). Their density is higher or lower than that of the pseudomorphic areas
depending on whether the strain is tensile or compressive, respectively. The first
type of walls are called heavy, the latter are called light. Depending on the wall
crossing energy, the walls may either form a striped pattern (Fig. 4a) or may
cross each other yielding a triangular network (Fig. 4b, c). If the wall crossing
energy is positive, crossings are energetically unfavorable and consequently a
striped domain-wall system is formed. Instead, if the energy cost in the crossing
area is negative, crossing becomes favorable and a node network is formed.
Examples of both patterns have been observed in a number of metal-metal
interfaces [23, 24, 28] and even on reconstructed clean metal surfaces [29-34].
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Figure 3. Domain walls in a pseudomorphic adlayer on fcc(111) (a) and fec(100) surfaces (b).
Only in the first case a non-integer phase shift can be produced due to the fcc-hcp stacking
fault. While in (a) the right stacking fault represents a light domain wall, the left represents a
"super light" wall.

The most extensively studied of theses systems is the Au(111) surface with
its striped domain wall reconstruction [29, 30, 33]. The reconstruction of this
surface is driven by the considerable tensile stress in the outermost layer. It
consist in the introduction of a certain density of dense domain walls, or partial
dislocations, between alternating fcc and hcp stacking regions. For Au(111) the
4% compression of the first layer is achieved by two partial dislocations per

x/§x22)—unit cell, each of which inserting one-half extra atom, thus leading to

3 atoms adsorbed on 22 second-layer atoms along the close-packed (1 10)—
directions [33, 35]. Due to the difference in energy, more fcc than hcp sites are
populated, giving rise to a pairwise arrangement of the (1 12>-oriented domain
walls. Locally, the compression is unidirectional, however, on larger terraces a
mesoscopic order of the domain walls is established. The domain walls bend by
+120° with a period of 250 A [33] forming the so-called herringbone structure
(see Fig. 4a) which reduces the anisotropy of the surface stress tensor [34].
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Figure 4. Possible domain wall structures on fcc(111) surfaces. a) striped phase with

mesoscopic bending into a herringbone structure. b) and c) trigonal networks with wall
crossings.



In epitaxial metal films on close-packed metal surfaces the low energy cost
for the formation of the domain walls via hcp-fce stacking faults essentially
drops h, to zero or just to the first monolayer. As examples we discuss the two
epitaxial systems of Cu/Ru(0001) and Ag/Pt(111). Both systems have an atomic
size mismatch of roughly 5% (-5.5%, and +4.3%, respectively), in the first
system resulting in tensile strain while in the second system the adlayer atom is
larger than the substrate atom and the strain is compressive. For both systems
the continuum theory predicts a critical layer thickness of a few monolayers,
while in experiment only the first monolayer is found to grow pseudomorphic.

In Fig. 5 we show STM images of Giinther et al. [24] characterizing the
growth of Cu thin films on Ru(0001). The first monolayer grows
pseudomorphic; the corresponding STM image (Fig. 5a) only reveals the
hexagonal atomic corrugation with a periodicity identical to that of the substrate.

(a) (b)

Figure 5. STM images characterizing a Cu monolayer (a) and multilayer (b) grown on
Ru(0001). The nominal coverage of the Cu multilayer is 3 ML. The local thickness varies,
however, from 2 ML and 3 ML to 4 ML from top left to bottom right. The image sizes are
7.7 nm x 40 nm (a) and 193 nm x 115 nm (b). From [24].

With increasing coverage, however, the pseudomorphic state becomes
unstable and the Cu film introduces strain relieving defects. The corresponding
strain relief patterns are clearly visible in the STM images. This is demonstrated
in Fig. 5b showing a wedge type sample with Cu coverages increasing from
2 ML and 3 ML to 4 ML from top left to bottom right. The Cu bilayer shows the
well known stripe pattern consisting of bright double lines, i.e., heavy domain
walls, running along (1 12). The pattern has a periodicity of ~43 A along (1 1()).
High resolution images_of the authors revealed the lateral displacement of
surface atoms along 112) of 0.8 A, demonstrating that the domain walls are
indeed fcc-hep stacking faults separating fcc regions (larger domains) from hep
regions (small domains inside the double lines). With increasing thickness the
strain relief pattern changes markedly. The 3 ML film shows a domain wall
network of triangular symmetry with wall crossings allowing for a more
isotropic strain relaxation on a mesoscopic scale. Obviously, the crossing energy
has become negative, while it was positive for the bilayer. With further



increasing coverage the domain wall network disappears in favor of a moiré
pattern characterizing the growth of a weakly modulated incommensurate
overlayer.

This strain relief scenario is remarkably similar for the Ag/Pt(111) system,
which is under 4.3% compressive strain. In Fig. 6a we show the misfit
dislocations which develop upon growth of a 1.5 ML film at 300 K. The second
layer reveals again the formation of a striped domain wall phase, where strain is
relieved anisotropically into one of the (110)-directions per domain which is
accomplished by the introduction of a pair of partial misfit dislocations running
perpendicular to this direction [23].

a) T=300K, ©=15ML b) T, =800K, ©=15ML
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Figure 6. Strain relief pattern of a Ag bilayer on Pt(111); integral coverage in both STM
images 1.5 ML. At room temperature, the Ag bilayer adopts a metastable striped domain wall
phase (a). Upon annealing to 750 K the striped phase transforms into a trigonal network phase
(b). From [36].

The striped phase for the second Ag layer on Pt(111) is in fact quite similar
to the (+/3x22)-reconstruction of Au(111) [30, 33, 37] and the Cu bilayer on
Ru(0001) [24, 38, 39], discussed above, and has also been observed for Ag
films on Ru(0001) [28]. Since the pseudomorphic stacking regions of the Ag
layers are under compressive strain, the domain walls in which strain is relieved
must represent areas of locally lower density, i.e. they are light walls [23].
Correspondingly the domain walls are imaged as dark depressions while the
pseudomorphic domains are imaged bright. This is opposite to the Au(111)
reconstruction and Cu/Ru(0001) where the dislocations are areas of locally
increased density. Also in contrast to the Au(111) reconstruction and to our
original interpretation [23], there are more hcp than fcc sites in this phase, as
recently uncovered by X-ray photoelectron diffraction [40]; the large domains
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are hcp stacking regions while the small domains inside the double lines are fcc
stacked. Notice that, in agreement with this finding, in Fig. 6a, the narrow areas
are imaged lower by 0.09+0.02 A than the wider ones. This is in accordance
with the fact that fcc areas within the Au and Pt reconstruction have been
imaged lower than hcp regions by about the same amount (0.08 A and
0.0940.02 A for Au and Pt respectively) [32, 33].

The 1st Ag layer on Pt(111) is perfectly flat as demonstrated in Fig. 6a where
the tip clearly resolves the dislocations on the second layer while the first layer
is imaged flat. This demonstrates that the first layer, when almost completed, is
bare of dislocations and hence pseudomorphic [41], analogous to the
Cu/Ru(0001) system. The dislocations on the second layer appear dark in the
STM topographs. Since atoms in dislocations are adsorbed on bridge sites this
STM contrast is inverted to the geometry expected from a simple ball model.
There are two ways to explain this STM contrast. The first is based on a reduced
density of states at dislocations according to their reduced atomic density. The
second evolved from Embedded Atom Method (EAM) calculations for
Ag/Ru(0001), suggesting substrate buckling, which was not found in Effective
Medium Theory (EMT) calculations for Ag/Pt(111) [42].

The striped phase of the second Ag layer on Pt(111) is metastable. Upon
annealing to T =700 K (or growth at T > 500 K) it converts into the equilibrium
structure which is a trigonal network where the partial dislocations cross,
allowing for more isotropic strain relieve [23]. With this transformation the
population of sites also changes to the favor of fcc stacking as expected from
their generally higher binding energy. Since the subsequent layers grow in fcc
stacking with respect to the second layer, the growth or annealing temperature of
the second layer determines whether the whole Ag film grows with or without
stacking fault with respect to the Pt(111) substrate [40]. The triangular network
shown in Fig. 6b is an example for isotropic strain relief still exhibiting different
areas for fcc and hep stacking. This is realized by shifting one class of domain
walls relative to the crossing point of the two others so that crossing of all three
domain walls does not occur (see also the model in Fig. 4c). The offset &
generates the small triangles characterizing the structure in Fig. 6b and allows
for an optimized ratio between fcc and hcp stacking areas A, according to Eq.
(6), and thereby accounts for the actual energy difference between both sides.

A(fcc) / Ahep) = [1 + 2(8/a) - 2(8/a)2] / [1 - 2(8/a) + 2(8/a)?] 6)

Trigonal networks of the type discussed above are found in a number of
epitaxial systems, e.g., in surfactant mediated growth of Ge on Si(111) [43], for
Na adsorption on Au(111) [44], and for the B phase of Ga on Ge(111) [45, 46].
In all these cases the systems try to increase their fraction of ideal stacking with
respect to the faulted one. For Na/Au(111) and Ga/Ge(111) the domain walls are
crossing in one point. In the alkali-metal case, therefore, the domain walls bend
and thus incline alternating smaller (hcp) and bigger (fcc) triangles (see Fig. 4b).
In the latter case, the domain walls have different width, which allows for bigger
fcc areas.
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The symmetry of the domain wall pattern changes from uniaxial to quasi
hexagonal for Ag films thicker than 2 ML grown at 300 K. The third monolayer
(see Fig. 7) exhibits a periodic structure consisting of hexagonally arranged
protruding areas surrounded by darker lines which again mark well localized
partial dislocations. The space in-between these hexagons is again devided by
partial dislocations although less clearly visible in the STM topographs. The unit
cell of the third layer is a rhombus quite similar to that of the trigonal dislocation
pattern characterizing the equilibrium structure of the second layer. Therefore
the striped phase of the second layer is unstable towards transformation into a

hexagonal dislocation network upon covering it with an additional Ag layer at
300 K.
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Figure 7. Transition from a domain wall phase to a weakly modulated incommensurate phase
with increasing layer thickness of Ag films on Pt(111). On the left hand side we show STM
images and on the right hand side the corresponding He diffraction pattern. The He-
wavelength was A = 1.02 A. STM images from [36], He diffraction data from [47].
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The hexagonal domain wall network persists up to about 10 ML thick films
(see Figs. 7). Notice, however, the decrease in image contrast at 10 ML which is
associated with less well localized domain walls indicating a transition to a
moiré like phase. Thicker films transform into a weakly modulated structure
with Ag(111) interplanar lattice constant. This transition in film structure from a
misfit dislocation network to a weakly modulated incommensurate structure has
also been detected in high resolution He-diffraction measurements [47]. On the
right hand side of Fig. 7 we show that up to 3 ML the diffraction spectra exhibit
a splitting of the (0,1) diffraction beam characteristic for a dislocation network
with its (1x1) pseudomorphic domains and the localized strain relief in narrow
domain walls of lower density (this splitting is seen up to 8 ML, not shown
here). At a Ag film thickness of 10 ML and above no splitting of the (0,1)
diffraction peak is detectable; only one diffraction peak corresponding to an
interplanar lattice constant of 2.89A is measured indicating the growth of Ag
layers with bulk Ag(111) structure.

The transition from the pseudomorphic monolayer through a series of
domain wall structures with more or less localized strain relief to a weakly
modulated moiré phase with increasing film thickness can be understood
qualitatively within the simple Frank-van der Merwe picture discussed above
[3]. The elastic strain energy increases proportionally to the film thickness. For
the monolayer the elastic energy is smaller than the energy to relax the film and
the adlayer adopts a pseudomorphic structure. As the thickness and associated
strain energy increase, the film relaxes gradually to its natural bulk structure.
Initially this is achieved through introduction of hcp-fce stacking faults, where
the strain is locally relieved. At close packed interfaces the introduction of these
defects is energetically favorable. However, the domain wall structures still
contain substantial residual in-plane elastic distortions. By the gradual transition
from the anisotropic striped or trigonal structures to hexagonal networks with
larger domain wall widths the residual in-plane strain is progressively lowered.
Finally the relaxation is completely isotropic with no in-plane strain resulting in
weakly modulated incommensurate structure (moiré) with the bulk lattice
constant of the film.

It is, however, important to note that the discussion of the strain relief
structures in the framework of the Frank-van der Merwe model is largely
simplified. In this model the substrate is assumed to be rigid and the entire
relaxation is occurring in the adlayer. Although this might be a reasonable
assumption for rare gas adlayers on metals or graphite it is certainly less
adequate for metal-on-metal systems. In these systems the adsorbate-substrate
interaction is of the same order of magnitude as the lateral interactions in the
film and in the substrate. It is thus natural to assume that not only the film atoms
relax at the interface but also the substrate atoms, i.e. the substrate acts as
flexible elastic lattice. There is indeed compelling theoretical evidence that this
is the case. It is a challenging but not impossible experimental problem to
measure quantitatively the atomic distortions in the substrate upon interface
formation. Recent STM studies of Ag growth on Ru(0001) in combination with
EAM-calculations [28], and of Pb/Cu(111) in combination with EMT-
calculations [48], suggest a flexible response of the metal substrate surface; the
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evidence from the STM data was, however, only indirect since the correlation of
imaging and geometric height can even for metals be not trivial. Direct evidence
might come in the future from crystallographic studies using x-ray diffraction
which can access buried interfaces [49].

3.2. Strain relief mechanisms at interfaces with square symmetry

The strain relief mechanism via fcc-hep stacking faults is symmetrically
impossible at interfaces with square symmetry because there are no different
sites with similar adsorption energy (see Fig. 3). For these interfaces many
experimental studies have been reported which seem to be in agreement with the
predictions of the simple continuum model [22]. We have recently
demonstrated, however, that also for these systems atomic details of the
interfacial structures have to be considered, which can result in novel strain
relief mechanism and substantial deviations from the "Matthews picture”. In this
paragraph we present again STM results for the strain relief scenarios for two
metal-on-metal systems with misfit of opposite sign; i.e., we will compare the
strain induced structures of compressively strained Cu films on Ni(100) (m =
2.4%) with those of Cu layers on Pd(100) which is under -7.2% tensile strain.

In Fig. 8 we show a series of STM images characterizing the Cu multilayer
growth on Ni(100) at 350 K. Already in the submonolayer range at coverages of
about 0.25 ML (not shown here) long protruding stripes appear at the islands
which have a txplcal size of 60 - 80 A. The stripes protrude by about 0.6 A, have
a width of ~6 A (which is the typical STM-imaging width of a single atom [50])
and traverse the entire islands. At a coverage of one monolayer the whole
surface is covered by a network of stripes (see Fig. 8a). The stripes all have the
same width and are all running along <1 10> with an equal probability for the
two orthogonal domains. This pattern is maintained up to coverages of about 20
monolayers. The width of the stripes grows linearly with the coverage. Their
density and their average length, on the other hand, remain constant in this
coverage range. Note, the stripes do neither cross each other nor coalesce.

In ref. [26] we have introduced a simple model which accounts for the
experimental observations. It is motivated by the fact that the compressive strain
at the fcc(100) surface is highest in the close-packed (1 10>-directions.
Therefore, intuitively it could be expected that chains of atoms are squeezed out
from the adlayer and create protruding stripes. Due to the square symmetry,
these stripes have to form with equal probability in both 110>—d1rect10ns
perpendicular and parallel to the substrate step edges. The simplest way to
generate such stripes is to shift Cu atoms from their four-fold hollow site to the
two-fold bridge site (see Fig. 9a). Such a bridge site atom has a reduced number
of nearest neighbors in the substrate but it gains binding energy in the adlayer
since it is six-fold coordinated there. There are two nearest neighbors within the
(1 10) atomic chain and, in addition, four lateral neighbors with a binding length
which is only about 10 % larger. More importantly, the protruding atoms gain
lateral freedom of expansion and the film can partially relieve its strain.
Obviously, this lateral freedom of expansion together with the increased lateral
coordination overbalance the lowered binding energy to the substrate.
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a) ©=1ML b) ®=6 ML

c) ©=11 ML d) ©=24 ML
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F‘ lgﬁlre 8. STM images characterizing the multilayer growth of Cu on Ni(100) at 350 K. Form
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An important experimental observation is the fact that stripes neither cross
nor coalesce at all coverages below about 20 ML (see Fig. 8). This behavior is
easy to understand in the proposed model. There are two domains of bridge sites
on the square fcc(100) surface representing the two symmetrically equivalent
directions of the stripes. At their potential junction, two orthogonal stripes are
always separated by !/+8 of a lattice constant (i.e. 1/, nearest neighbor distance)
rendering crossing impossible (see Fig. 9). Coalescence is also unlikely as the
distance between two parallel stripes is given by the lattice constant of the Ni
substrate and the merging of two stripes would block further transverse
relaxation. Therefore, at higher coverages one can find neighboring parallel
stripes which have a smaller width than the other stripes at the same image (see
Fig. 8 , © = 11 ML). Only at high coverages close to 20 monolayers, where
almost all of the surface is covered by relaxed stripes, neighboring as well as
orthogonal stripes merge and thereby form a high density of bulk dislocations.

Fig. 9 also shows the model for the trilayer film. The height Ah is
independent of coverage. Considering the most simple case of a hard sphere
model, one obtains Ah = 0.4 A for the example of Cu on Ni. The width D
depends on the coverage, i.e., for one monolayer the stripes are exactly one atom
wide, for two monolayers two atoms and so on. While the atoms, situated at the
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hollow sites (dark colored atoms), grow essentially pseudomorphic, the stripe
atoms (light colored) can relieve strain at least perpendicular to the stripes [26].
In our model the density of the stripes and their length distribution is determined
by the monolayer configuration. The subsequent growth stabilizes the pattern of
stripes by the formation of internal {111} facets along the stripes. This is
energetically favorable because the strain relaxation takes place by the formation
of the highly stable close-packed internal {111} facets.

©®=1ML ©®=3ML

249949
i,

Figure 9. Internal faceting model describing the appearance of the stripes in the Cu mono-
and multilayers on Ni(100). The shaded circles represent the substrate atoms (Ni). The "dark
atoms" (Cu) are placed at the fourfold hollow sites in pseudomorphic geometry. The "light
atoms" (Cu) form the stripes and are placed at the twofold bridge sites. In the monolayer case
one can clearly see the two orthogonal domains of bridge sites which renders crossing of the
stripes impossible. From [26].

The growth of thin Cu films on Ni(100) was also studied by Chambers et al.
[51] by Auger Electron Diffraction (AED). The ratio of the in-plane to vertical
lattice constant (transverse lattice expansion) was measured, which is directly
related to the strain of the film. The authors compared their data with the
predictions of the continuum model of Matthews and Crawford [52] (thin solid
line). The continuum model predicts a critical thickness of h¢ = 14.8 A = 8 ML.
Up to this thickness Cu should grow pseudomorphic. Only at coverages above
8 ML the film should relax its strain spontaneously by the formation of bulk
dislocations. Chambers et al. interpreted their experimental data as confirmation
of the continuum model.
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Figure 10. Comparison of the internal faceting model (thick solid and dashed line) and the
continuum model of Matthews and Crawford [52] (thin solid line) with the AED data of
Chambers et al. [51] (filled circles). Dashed line - internal faceting model with only copper in
the stripes being fully relaxed. Thick solid line - copper in the stripes and close to the stripe
boundary relaxed; see text. From [26].

Fig. 10 shows clearly that the AED data are much better described by the
internal (111) faceting model than by the continuum model. Using the internal
faceting model and the STM data we have calculated the mean values of the
transverse lattice expansion. The fraction of the relaxed stripe volume is
determined by adding up the stripe coverage in the individual layers as
determined by the STM measurements. The relative weight of the individual
layers for the AED experiment has been accounted for by the simple ansatz [ =
Iy exp(—0O/©y) using an attenuation factor of @, = 7 ML. Assuming the stripe
atoms are fully relaxed and the copper between the stripes is pseudomorphically
grown, one obtains the dashed line in Fig. 10. However, it is likely that the
copper close to the stripe boundary is not perfectly pseudomorphic but partially
relaxed. It is reasonable to assume (see inset in Fig. 10) that the additional
relaxation at the stripe boundary, A(©), depends linearly on the coverage. With
A(®) = 0.2 O [in atomic distances], we obtain the thick solid line in Fig. 10
which is in excellent agreement with the data of Chambers et al. This implies
that most of the copper between the stripes is pseudomorphic and the film
relieves its strain gradually in a layer-by-layer fashion.

A particular strain relief scenario for the heteroepitaxial growth of fcc metals
under tensile strain on (100) surfaces of fcc or bcc metals has been predicted
many years ago. As early as 1924, Bain [53] suggested that above a critical
biaxial expansion of the lattice constant in the (100) plane a fcc solid may
transform spontaneously into a bcc or bet (body-centered-tetragonal) phase
through relaxation of the interlayer spacing along the perpendicular c-axis (see
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Fig. 11). The Bain deformation involves the smallest principal strains for the
martensitic fcc - bee (bet) transformation. It appears thus plausible that by
pseudomorphic growth on (100) metal substrates with a lattice constant larger
than the natural adlayer lattice constant, fcc metals might be forced to grow in a
metastable bce or bet structure.

Py

) 2,z

L CONTRACTION

Figure 11. Lattice distortion and corresponding picture of the fcc-bec (bet) martensitic
transition according to Bain [53].

Pseudomorphic Cu layers on (100) surfaces of fcc metals are particularly
attractive systems for the search of a Bain transition in ultrathin films. The stable
fcc phase (a = 2.55 A, ¢ = 3.61 A) of bulk Cu has extensively been studied
experimentally and theoretically and the calculated properties from first
principles agree well with experiment. Total-energy calculations of tetragonal
distortions by Morrison et al. [54] predicted the existence of two additional
metastable bulk phases, a bct phase (a = 2.76 A, ¢ = 3.09 A) upon applying a
large biaxial tensile strain in the (100) plane and a bce phase (a = ¢ = 2.86 A)
upon applying in addition hydrostatic pressure. The theoretical work of
Morrison et al. stimulated experiments to grow the metastable Cu phases in
pseudomorphic epitaxy on Pd(100). This surface has a square unit cell of side a
= 2.75 A and appears favorable to stabilize bct-Cu. LEED experiments of
Marcus and coworkers [55] showed that up to about 10 monolayers a flat
pseudomorphic Cu film grows on Pd(100) at room temperature. A detailed
structural analysis of the 6 ML film revealed a reduced interlayer spacing of h =
¢/2 = 1.62+0.03 A consistent with a bct structure.

The existence of the two metastable bulk copper phases has however been
questioned in a series of theoretical studies [56] subsequent to the work of
Morrison et al., in particular the bct phase appeared doubtful and was attributed
to an artifact of the computations in ref. [54]. Marcus and coworkers [57] also
changed their original interpretation of the LEED analysis of the pseudomorphic
Cu film on Pd(100). Based on a strain analysis they suggested that the Cu film
should be described as a highly strained fcc phase, and not as a bct phase.
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We have recently demonstrated that two pseudomorphic phases of Cu can
grow on Pd(100). Below a critical thickness Cu continues the fcc stacking of the
Pd substrate with a c-constant of 3.7 A. Above the critical thickness the c-axis
relaxes spontaneously and a structure with reduced lattice constant ¢ = 3.10 A is
formed [58]. The critical coverage for the onset for the growth of the latter phase
increases from 1 monolayer at 300 K to 3 monolayers at 400 K. The Bain
transition was assumed to be driven by the total strain energy of the Cu film,
which scales with the misfit and the film thickness. The decreasing (Cu-Pd)g
misfit with increasing temperature (difference in the thermal expansion
coefficients) results in an increased critical film thickness at elevated
temperatures. Indeed, the reversible switching between both structures of a
2.4 ML film by variation of the temperature proved the "equilibrium" character
of both phases and led us to the conclusion that the relaxed phase is a metastable
phase while the low-coverage phase would be strained fcc.

Cu coverage [ML]

320 340 360 380 400

Temperature [K]

420

et 4D K 300
200 A 200 A

Figure 12. Left hand side: phase diagram of Cu films grown on Pd(100); c is the vertical
lattice constant. Right hand side: STM images characterizing the structural change of a
2.4 ML pseudomorphic Cu film on Pd(100) upon annealing and subsequent cooling. (a)
Growth morphology of the 2.4 ML film at 300 K. (b) and (c) Morphology at 350 K and
420 K, respectively, and (d) annealing at 420 K and cooling to 300 K. From [58].

Fig. 12 shows that the 2.4 ML Cu phase with reduced c-constant of 3.1 A
has a well shaped island morphology and is unstable towards annealing. The
crystal was heated from 300 K to 350 K and 420 K, and cooled back to 300 K;
STM images have been taken at the indicated annealing temperatures. At 350 K
(Fig. 12b), the onset of island coalescence is observed. The shape of the isolated
islands remains nearly unchanged and the small 0.4 A step at the former Pd
substrate step is still present in the STM image (see white arrows), indicating the
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reduced interlayer spacing and thus reduced c lattice constant of Cu. At 420 K
(Fig. 12¢), the islands have completely dissolved. Cu has diffused to the step
edges or forms large patches on the terraces, no straight Cu step edges are
present anymore and the topmost two layers form a percolation network. The
drastic morphology change of the Cu film is accompanied by a relaxation of the
whole film. The small 0.4 A step has vanished upon annealing to 420 K, which
indicates the expansion of the Cu interlayer distance. Only single height steps of
1.8540.1 A and double height steps of 3.75+0.15 A are measured, corresponding
within experimental error bars to the interlayer spacing in the Cu(100) fcc bulk
structure. The formation of large double-layer structures located on the first flat
Cu monolayer (which remains entirely intact) demonstrates that the temperature
induced phase transition involves massive interlayer mass transport including
substantial "upward" motion of Cu. The structural transition is a reversible phase
transition as demonstrated in Fig. 12d. Upon cooling down to 300 K, the 0.4 A
step reappears in the STM image (see back arrow in Fig. 12d) indicating the
formation of the structure with the reduced interlayer spacing of 1.55 A.

Motivated by these experimental observations, S. Jeong has studied the
structure of Cu films on Pd(100) by ab-initio methods using the norm-
conserving pseudo-potential scheme within local-density approximation [59].
His calculation did only reveal one structure with a relaxed lattice constant ¢ =
3.17 A which he ascribed to a strained fcc structure. There was no evidence for a
low coverage structure with a non-relaxed vertical lattice constant. Currently we
can thus not unambiguously assign the two Cu structures experimentally
observed on Pd(100). It is, however, remarkable that two different
pseudomorphic structures with well defined vertical lattice constants exist and
that the phase with the relaxed interlayer spacing grows coherent up to a
thickness of at least 6 monolayers. In view of the continuum theory this is
unexpected. For the Cu/Pd system with its large tensile strain of more than 7%
the critical layer thickness for pseudomorphic growth is just one monolayer; i.e.,
this system documents again the failure of the continuum approach.

3.3. Anisotropic strain relief

Unusually thick pseudomorphic Cu films can also be grown on the
anisotropic (110) surface of palladium. At deposition temperatures of about
600 K Cu is found to wet the substrate in a pure step-flow mode. The step-flow
mode is maintained also in the Cu multilayer range, up to at least 10 ML as
shown in Fig. 13. Up to a coverage of 5 ML the flat Cu films grow
pseudomorphically on Pd(110), as evidenced by a sharp (1x1) LEED pattern and
the flat imaging by STM.

From a thermodynamic point of view, the growth of thick (1x1) Cu films is
difficult to understand, since the total strain energy in the film (7% lattice
misfit!) increases linearly with film thickness [60]. Indeed we observe above the
critical coverage of 5 ML a partial strain relief of the tensile strain through
buckling in the (1 10) direction. This relaxation is detected in the STM images
as a striped pattern with the stripes running along (001) (Fig. 13c). The pattern
corresponds to a buckling with a periodicity of 79 A, indicating an uniaxial
reduction of the tensile strain to 4% along (1 10). The height variation from
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light to dark stripes is about 0.5 A. Neither the periodicity nor the height
modulation varies considerably when the Cu film thickness is further increased.
By LEED, the reconstruction was not detectable due to the limited resolution of
our instrument (transfer-width < 200 A). From the absence of any additional
LEED spots and from the STM images it can however be concluded that the Cu
atoms are still locked into their positions between the closed packed atom rows
of the underlying layer in the (001)-directions, while they try to minimize strain
by reducing their interatomic distances along the (1 10>-direction.
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Figure 13. Series of STM images showing the multilayer growth of Cu on Pd(110) at 600 K;
1.1 ML (a), 2.3 ML (b) and 10 ML (c). A model of the uniaxial compression structure of thick
Cu lazers (here 6 ML) in top and side view is shown in (d). Full circles represent Cu atoms in
the 6t layer; open circles: 5t layer Cu atoms. From [61].

Fig. 13d shows a possible model of the reconstructed Cu film surface at
coverages above 5 ML. From the observed periodicity of 79 A it can be
calculated that the average interatomic spacing along (1 10) is reduced to
2.66 A. Thus from the 6th layer on, 30 Cu atoms are situated onto 29 atoms of
the unreconstructed 5th layer (or the Pd substrate, respectively). Regions where
Cu atoms occupy near bridge sites alternate with regions where atoms rest in
near fourfold hollow sites, which explains the surface buckling. Obviously,
maximum stress relief can not be achieved by reducing the interatomic distances
along (1 10) to the Cu bulk value (2.55 A). This may be due to the rigid atom
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positions in the perpendicular (001)-direction, energetically preventing a further
compression. The model shown in Fig. 13d is somewhat oversimplified since
the system will try to minimize the occupation of energetically unfavorable
bridge sites. In reality, more Cu atoms will be locked into fourfold hollow sites,
whereas the atom density will be lower in the bridging regions. Finally it is
noted that the density of dislocations (see Fig. 13c) increases with the film
thickness, contributing additionally to the relief of stress in the Cu film. Both
effects, the uniaxial compression and the dislocation formation, make it possible
that Cu layer-by-layer growth continues up to 10 ML, despite the quite large
lattice mismatch.

4. EFFECT OF STRAIN ON NUCLEATION KINETICS IN METAL
EPITAXY

Very often thin films are grown under experimental conditions far from
thermodynamic equilibrium. A typical example is molecular beam epitaxy
(MBE), where a high supersaturation is applied to grow films very rapidly from
- the vapor phase. Under such circumstances thermodynamic quantities, like
surface and interface free energies of adsorbate and substrate become less
important and the film morphology is governed by kinetic quantities as, e.g., the
energy barriers for terrace and interlayer diffusion, or the activation energy for
the dissociation of a nucleus of a certain size. These quantities are system
specific and their interplay with external growth parameters, like the deposition
flux and substrate temperature, determine the resulting film morphology.

The way in which these kinetic quantities and the external growth conditions
are linked to the morphology of the growing film is illustrated schematically in
Fig. 14. As a prerequisite, however, we need to consider the central result from
mean-field nucleation theory. There is a characteristic length scale, which can be
identified either with the mean island distance or with the mean free path of
diffusing adatoms before they create a new nucleus or are captured by existing
islands. This length A scales as the ratio of the surface diffusion constant D over
the flux F to a power of 1/3 for the case of dimers being stable nuclei (see, e.g.,
"minimal model" by Villain et al. [62, 63]). The diffusion D is generally
described by a prefactor (attempt frequency and geometric factor for the
respective lattice) and a Boltzmann term containing the barrier for surface
migration, E;,. For a certain adsorbate-substrate combination, D is therefore
determined by the deposition temperature, and together with the deposition flux
F it establishes the characteristic length A.

The generally desired layer-by-layer growth results, when stable nuclei start
to form on-top of islands of the growing layer only after these have coalesced.
In order to prevent nucleation on-top of islands before their coalescence, the
adatoms impinging onto these islands have to be mobile enough to reach their
edges at any time during growth, which evidently is most difficult at
coalescence. The mean island size of the nth layer at coalescence equals to the
mean island distance, i.e., the characteristic length A, which is in the way
described above, linked to the mobility on the layer underneath, D,,.;. In order to
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enable the adatoms to descend from islands their mobility on-top of the nth layer,
D,, has to be at least D,;. Therefore, the necessary condition for layer-by-layer
growth is that mobilities on subsequent layers, say n-1 and n, obey D, = D1 [9,
25, 64]. The sufficient condition for layer-by-layer growth is that adatoms, after
once reached the island edges, are able to descend there. This interlayer
diffusion is in general associated with an additional barrier adding to that for
terrace diffusion, which we will call AE;.
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Figure 14. Correlation of the growth morphology to diffusivities on subsequent layers, Dy,
Dn.-1, respectively. The mean island distance A on each layer equals the island diameter at
coalescence and is related to the diffusion rate on the respective underlying layer. For Dy, 2
Dy-1 one has A, 2 Aq.1, consequently adatoms deposited onto coalescing islands can reach
their perimeter which is the necessary condition for layer-by-layer growth, whereas when Dy
< Dy islands will nucleate on-top of layer n before coalescence, leading to 3D growth.
According to [64].

In homoepitaxy, if no reconstructions are involved, mobilities on subsequent
layers are identical, i.e., Dy = Dy.1. In that case the adatoms are mobile enough
to reach the island edge at any time during growth, therefore exclusively the
additional step edge barrier determines the film morphology. If the additional
barrier is effective at the deposition temperature the system is kinetically limited
and grows three-dimensional (3D). If the barrier to interlayer diffusion can be
overcome sufficiently frequent, the system is close to thermodynamic
equilibrium, where homoepitaxial systems always grow 2D, since the difference
in surface and interface free energies Ay = 0 [65]. The width of the substrate
terraces then determines whether step-flow or layer-by-layer growth will result,
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where only the latter gives rise to oscillations in the step density, detectable by
various diffraction techniques, as e.g., Reflection High Energy Electron
Diffraction (RHEED) [66-69], LEED [70], Helium Atom Scattering (HAS) [71,
72], and X-ray diffraction [73, 74].

In heteroepitaxial systems strain is involved. In addition, the strain in the
topmost layers changes with film thickness. Generally it is decreasing with
increasing number of layers, since the film adopts more and more its bulk lattice
constant as it grows thicker. In view of the strong variation of strain in the
topmost layers, where nucleation takes place, it is obvious to ask whether strain
influences the diffusion and dissociation processes involved in nucleation and, if
it does, how the growth scenario will then be modified.

In fact there have been several theoretical studies proposing that strain
should strongly alter surface diffusion and nucleation kinetics [75-78]. Only
very recently, however, the influence of strain on nucleation kinetics could be
examined experimentally [9, 10, 25, 36]. A very instructive example is the
growth of Ni on Ru(0001) studied by Meyer et al. [25] (see Fig. 15). In this
system, the way of strain relief changes from disordered dislocations for the first
layer to ordered moiré patterns for thicker layers (see Section 3.1. above). The
effect of the varying strain present in these weakly incommensurate phases on
nucleation kinetics manifests itself in strongly layer dependent island densities.

Figure 15. STM image showing a pronounced layer dependence of island densities due to the
strain induced restructuring of the Ni film which varies with film thickness. Ni islands have
been nucleated by room temperature deposition of 0.05 ML onto a 2.5 ML Ni film on
Ru(0001). Between the black arrows there is a single substrate terrace. In going from top to
bottom on a line between these arrows the 15t, 2nd 4th 3rd 4th 3rd 2nd and 4th Ni Jayer are
observed, each of them distinguished by its characteristic island density. From [25].
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The effect of strain on surface and interlayer diffusion has been explored
quantitatively for isotropically strained Ag films on a Pt(111) substrate in
comparison to relaxed Ag(111) [9, 10, 36]. These experiments demonstrated that
strain significantly influences both, surface, and interlayer diffusion. It is thus
expected to play the dominant role in determining the film morphology for
kinetically controlled growth. Strain, if isotropic, is simply a variation of the in-
plane lattice constant. It is very interesting, also from a theoretical point of view,
that both, surface and interlayer diffusion, are rather sensitive to this parameter,
and it is tempting to elucidate the physical reason for this.

Recently there has been evidence that even for homoepitaxial systems
nucleation densities can be layer dependent [79]. For Pt/Pt(111) the adatom
induced reconstruction leads to an increase of the island density on the
reconstructed substrate, whereas the mobility on the non-reconstructed islands is
high, i.e., D, > Dy.; and the most perfect layer-by-layer growth reported so far,
results at 650 K. More than 150 almost undamped oscillations are seen in the
specular He intensity [71], where a much faster decay of the amplitude was
expected without the periodic appearance of the reconstruction.

These very recent results on the effect of strain on nucleation require in
general a new concept of layer dependent nucleation kinetics for heteroepitaxial
- and even for a certain number of homoepitaxial systems. In the following
Section we will review the experimental results on the effect of strain on surface
and interlayer diffusion and finally describe the first steps towards a new
concept of layer dependent nucleation kinetics that accounts for these effects.

4.1 Nucleation and surface diffusion

Surface diffusion is one of the central processes involved in thin film
growth. The classical method to quantitatively study diffusion on metal surfaces
is field ion microscopy (FIM), where the motion of single atoms or clusters on
single crystal facets of the FIM tip can be followed at low temperatures on the
atomic level [80, 81]. An alternative, although more indirect way to study
surface diffusion is to measure island densities that form upon deposition onto a
single crystal surface as a function of temperature. The activation energy for
surface diffusion is then commonly extracted by application of mean-field
nucleation theory [82]. This method recently received considerable attention due
to the fact that island densities became accessible in real space on the atomic
scale by the availability of scanning tunneling microscopy (STM) [83, 84].
Island densities can also be obtained from other surface sensitive techniques,
like electron microscopy [82], electron diffraction [85], and helium atom
diffraction [86]. STM has obvious advantages with respect to these methods.
The most important of which are that i) island densities can be obtained in-situ
in UHV and on terraces without the influence of defects such as steps, and ii)
small islands down to single atoms, as well as from very small to extremely high
island densities are detectable.

A quantitative study of atomic diffusion requires knowledge on the variation
of the island density as a function of substrate temperature. One of the first
systematic STM studies of this kind was reported by Stroscio and Pierce for
Fe(100) homoepitaxy [87]. (There is an earlier example for Si/Si(100) by Mo et
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al. [88]. We will, however, focus on examples obtained for metals in the
following.) The nucleation of Fe was studied above room temperature, where
the description of nucleation generally becomes more complicated than at low
temperature due to the increasing number of atomic processes involved. For
example assumptions may need to be made about various cluster binding
energies [82]. In the case of Fe/Fe(100), the authors later verified that dimers
were indeed stable in the temperature range addressed in their former study [89].
For close packed substrates which reveal small energy barriers for diffusion and
cluster dissociation this is generally not the case around 300 K. At cryogenic
temperatures, on the other hand, dimers are stable nuclei for any system. This
reduces a nucleation event to the encounter of two diffusing adatoms and allows
for a direct, parameter-free analysis of surface diffusion barriers. It is therefore
most convenient to study nucleation at low temperatures which was achieved
through the recent development of variable temperature STM [90, 91]. With this
technique, the initial stages of nucleation could be studied on the atomic level,
yielding reliable and accurate barriers for surface diffusion on isotropic
substrates [9, 92, 93]. Nucleation on anisotropic lattices as, e.g., on fcc(110) [88,
941, or hex-reconstructed fcc(100) surfaces [95, 96] has been studied by several
groups. For anisotropic diffusion, as the case on fcc(110) surfaces, a mean-field
rate equation treatment was put forward [97]. On anisotropic lattices, however,
the analysis of migration barriers is much less straightforward since terrace
diffusion, edge diffusion, and sticking to islands may be anisotropic. These
effects are a priori difficult to discern.

In the following we concentrate on nucleation and surface diffusion on
isotropic metal substrates. Since the method applied to study surface diffusion
relies on the application of mean-field nucleation theory we first give a brief
introduction into the results which are of relevance in the present context. Then
we exemplify on hand of nucleation of Ag on Pt(111) how reliable values for the
energy barrier and attempt frequency for surface diffusion can be obtained from
a careful analysis of the nucleation kinetics. At the end of this paragraph we will
discuss the validity and limits of applying nucleation theory in order to extract
diffusion barriers in comparison to alternative methods like Kinetic Monte-Carlo
(KMC) simulations.

Since the pioneering work on the mechanisms of crystal growth by Frenkel
in 1924 [98], Zinsmeister [99], followed by Lewis [100-102], Stowell [103],
Venables [82, 104], as well as Stoyanov and Kashchiev [105], Villain,
Pimpinelli and Wolf [62, 63], and finally Bales and Chrzan [106], a detailed
understanding of the nucleation kinetics during crystal and thin film growth was
developed. Much of this theoretical work focuses on the solution of a set of
coupled rate equations for the respective island densities. These equations are
commonly solved in the mean-field assumption that outside the islands the
island density immediately takes on its average value. One of the central
predictions of mean-field nucleation theory is that the saturation density of all
stable clusters ny depends on the deposition flux F and the adatom diffusion D as
follows (for complete condensation being the most relevant case in metal
epitaxy, and 2D islands):
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The exponent % in the first term on the right hand side of Eq. (7) is x =
1/(i+2), where 1 the critical cluster size. In the macroscopic picture critical refers
to the cluster size for which the free energy AG has a maximum [82]. In a
microscopic model a critical nucleus becomes stable upon attachment of a
monomer. Here, stable refers to the time scale of deposition, where a stable
island grows more likely than it decays. The Boltzmann term contains the total
binding energy E; of the critical cluster, which, in a simple bond counting
model, equals to the number of lateral bonds times their bond energy E,. By
Eq. (7) the critical nucleus size can be inferred from investigation the flux
dependence of the island density; from its temperature dependence, the
parameters for surface diffusion and cluster binding energies can then be
extracted in a second step.

a) © =0.0024 ML b) © =0.006 ML

Figure 16. STM images showing the evolution of the island density, size and shape with
increasing coverage for Ag deposition (F = 1.1x10-3 ML/s) onto Pt(111) at 75 K. Coverages
and mean island sizes are indicated. From [92].
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In order to get insight into the regimes of nucleation from an experimental
point of view, we follow the evolution of the submonolayer film morphology
with increasing coverage for Ag deposition onto a Pt(111) surface held at 75 K.
Four STM images taken isothermal to deposition are shown in Fig. 16. The very
initial stages of nucleation are depicted by Figs. 16a and 16b. The islands,
detectable as bright spots, predominantly constitute dimers and trimers. This is
inferred from the mean island size, obtained from the coverage devided by the
density, which yields 2.4+0.4 atoms and 2.6+0.5 atoms, for Figs. 16a and 16b,
respectively. This is exactly the value expected from nucleation involving
dimers as stable nuclei. In course of deposition dimers form until they reach a
density similar to that of the diffusing monomers. At this stage, the probabilities
for monomers meeting each other and creating new nuclei (dimers), and for
attaching to existing dimers (resulting in trimers) become equal. The result is a
mixture of mostly dimers and trimers giving rise to the mean island size of about
2.5 atoms. The fact that the mean size does not change from Fig. 16a to 16b,
although the coverage has been increased by a factor of about three, is
characteristic for the so-called pure nucleation regime, since there, additional
deposition predominantly results in the formation of new nuclei. Increasing the
coverage further by a factor of 5 leads to the transition from nucleation to
growth. In Fig. 16c¢ the density is increased by a factor of only two accompanied
by a considerable increase in the average island size to 6t1 atoms. Further
increase of the coverage by a factor of two leads to exclusive island growth
(12+2 atoms per island in Fig. 16d). Thus the last Figure shows the pure growth
regime, where the island density has saturated, i.e., the islands are dense enough
that each arriving film atom has sufficient mobility to reach them with a higher
probability than to hit a second mobile adatom and to form a new nucleus.

The set of STM images represented in Fig. 16 completely characterizes
nucleation of Ag/Pt(111) at 75 K, as it yields the saturation island density
(Fig. 16d) as well as the stable nucleus size (Figs. 16a and b) at this temperature.
At higher temperatures, however, direct observation of the mean island size to
determine the critical nucleus size is less practical since the pure nucleation
regime is then restricted to extremely low coverages. There are various other
ways to get information on the critical island size at a certain temperature. One
way to detect up to which temperature, €.g., dimers are stable, is to measure the
temperature threshold for the onset of Ostwald ripening [107]. For this purpose a
large number density of dimers (and also trimers) is produced upon deposition at
low temperature, and the island density is monitored by STM as a function of
annealing temperature. At the onset of dimer dissociation (or diffusion), the
island density suddenly decreases due to more rapid dissociation of smaller
islands in favor to larger ones, i.e., due to Ostwald ripening. As an example for
this we show Ostwald ripening for Ag/Pt in context with interlayer diffusion in
Sect. 4.4. below. There, the threshold for dimer dissociation for annealing
periods of half an hour is 100 K, which implies that on the much shorter time
scale of deposition, the Ag dimer on Pt(111) is stable up to 110 K.

It is important to notice, that this method to deduce the stable nucleus size
does not rely on nucleation theory. Therefore, it supplies additional information
that can serve to independently test, e.g., the flux dependence predicted from
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this theory. For Ag/Pt it is found indeed that the island densities vary as F1/3 for
80 K and 110 K in agreement with Eq. (7) [108]. The island size distributions
[108], as well as the absence of a sudden change in slope in the Arrhenius
behavior of the island densities (see Fig. 18a below) and the fact that such a
change in slope occurs at 110 K [92], all are fully consistent with dimers being
the stable nuclei up to 110 K and show the perfect agreement between
nucleation theory and experiment.

Fig. 16d also contains information on edge diffusion hidden in the island
shape. It is known that island growth at low temperatures can lead to branching
caused by the low mobility of adatoms at the island edges. For no edge diffusion
at all, ramification takes place into random directions as in Diffusion Limited
Aggregation (DLA) scenarios [109, 110]. Before first experimental observations
became available [111], low temperature metal epitaxy on close packed
substrates was indeed expected to be a realization of DLA. Fig. 16d, and the
examples shown in Fig. 17 below, clearly demonstrate, however, that the
branches grow into three preferred directions (the crystallographic (1 12)-
directions), leading to Y-shapes for small islands (Fig. 17a and b) and for larger
ones to dendrites with a triangular envelope (Fig. 17c). The atomic process at
the origin of this particular shape is the asymmetry in diffusion of atoms from 1-
fold corner sites towards the two non-equivalent steps present on a hexagonal
surface [112, 113]. These two step orientations differ in structure, the A-type
steps are {100}-facets, and B-step are {111 }-facets, this difference becomes
apparent in their different step free energy [114]. For Ag/Pt(111) and
Ag/Ag(111) diffusion towards A-steps is activated as soon as terrace diffusion
is, since it requires a comparable energy barrier, whereas diffusion towards B-
steps is associated with a much higher barrier and therefore inhibited [112]. This
leads to asymmetric population of both steps and to branching into preferred
directions, as recently been demonstrated [112, 113, 115]. This anisotropy in
population of A- and B-steps generally characterizes close packed substrates
which implies that dendritic growth is the rule rather than the exception on these
lattices [115]. Which step orientation is the preferred one can be system specific.
The sign of strain is expected to play a decisive role since it determines which
diffusion path is more favorable along the island edge. For square lattices, on the
other hand, edge diffusion is generally associated with a barrier comparable to
terrace diffusion yielding compact islands from low temperatures on as soon as
surface migration and with it aggregation set in [116].

The saturation island density strongly varies with temperature as can be seen
from comparison of Figs. 17a-c (notice, the scale of Fig. 17c is twice that of
Figs. 17a and b). Since it directly reflects the adatom mobility it is expected to
follow an Arrhenius law. Measured saturation island densities for the example of
Ag/Pt at a coverage of 0.12 ML are shown in Arrhenius representation in
Fig. 18a in comparison with two mean-field calculations. From the experimental
data it is seen that there is a linear regime for temperatures from 110 K down to
about 75 K followed by a downward bending of the island densities measured
for lower temperatures. The linear regime reflects the expected power law for
D/F from Eq. (7). The downward bending to lower island densities is due to the
fact that for lower temperatures, diffusion becomes slow with respect to
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deposition (at D/F < 103) leading to a certain density of monomers left after
deposition. These monomers then either nucleate new islands or attach to
existing ones after deposition has been terminated. This nucleation regime is
called post-nucleation; it is characterized by monotonically decreasing island
size distributions, and has been described in detail for Cu/Ni(100) [117]. Square
lattices generally reveal higher migration barriers, therefore post-nucleation
effects are expected for an extended temperature range on these substrates.

b) T=95K c) T=110K

Figure 17. Variation of the saturation island density with temperature and anisotropic island
shapes for deposition of 0.12 ML Ag onto Pt(111) at 80 K, 95 K, and 110 K, respectively (F =
1.1x10-3 ML/s).

The solid line in Fig. 18a shows the best fit to the experimental data by
mean-field rate equations which have been solved self-consistently [106, 108].
Taking into account post-nucleation, the rate equations have been integrated
until all monomers were gone, which starts to play a role for T < 75 K. The fact,
that even at 50 K, apparently all monomers are gone when the island density is
measured with STM, is not expected from the diffusion rate at this temperature
and the time between deposition and STM experiment. It is presumably due to
the interaction of the STM tip with adsorbed monomers. The influence of the
STM tip has been shown to considerably decrease the diffusion barrier for
Pt/Pt(111) [93]. Therefore, in our example, the few remaining monomers are
probably being attached to existing islands due to the measurement itself. This
does not obscure the results since stable nuclei turn out to be unaffected by the
measurement.

The mean-field calculation shows excellent agreement with experiment, it
has been performed with a migration barrier of E,, = 168 meV and an attempt
frequency of vo = 6.76x1013 s-1 (notice, D = 1/3 voexp(-En/kT), with the
geometric factor being /3 since hopping has been assumed to take place from
fcc to fcc sites). A self-consistent solution to the mean-field rate equations such
as shown in Fig. 18a is certainly the most precise available to date, however, it is
mathematically demanding [106]. It is therefore valuable to discuss alternative
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%&{aysl t80 extract parameters for surface diffusion from the type of data shown in
ig. 18a.
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Figure 18. Comparison of experimental island densities for Ag/Pt(111) with calculations
from self-consistent and approximate solutions of mean-field nucleation theory and KMC
simulations. a) Arrhenius plot of saturation island densities (® = 0.12 ML) for the regime
where dimers are stable nuclei. b) Island density versus coverage at 75 K. From [108].

The most easy and widely used approach is to apply Eq. (7) to the linear part
in the Arrhenius plot, where dimers are stable (i = 1), and extract the migration
barrier and the attempt frequency from the slope of the linear regression to the
data and its intersection with the ordinate. This far more simple approach yields
fairly good agreement with the values obtained from the full analysis. Taking
the STM data for 75 K< T <110 K, where 1x105 < D/F < 4x108, one obtains Ep,
= 170£10 meV and vo = 4x1013.0205 51 (For the attempt frequency, the
proportionality factor in Eq. (7) has been set to 1(0) = 0.2. This value has been
given by Venables, see curve fori=1 at © = 0.1 ML in Fig. 6¢ of ref. [82], and
is also obtained in the self-consistent analysis by Bales). Notice, however, that
great care must be taken when selecting the data attributed to the linear regime.
As can be seen from inspection of Fig. 18a, the calculated curve starts to bend
for T < 75 K, respectively D/F < 1x105. We therefore emphasize that only data
for D/F > 1x105 should be analyzed in a linear regression. Thus a slightly lower
barrier of E,, = 15710 meV (v = 6x1013.080.8 g-1) has been obtained when the
slope was analyzed including data down to 65 K [92], where it is seen from
Fig. 18a that post-nucleation already decreases island densities.

The evolution of the island density with coverage for our example of
Ag/Pt(111) at 75 K is plotted in Fig. 18b (compare also STM images in Fig. 16).
Again, there is perfect agreement with the self-consistent rate equation analysis.
Since the analysis did not account for coalescence, an experimental value at
0.12 ML for the (hypothetical) island density without coalescence has been
derived, which can be accomplished, since coalesced islands are discerned by
their shape from those that grew from a single nucleus. Fig. 18b also shows
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KMC simulations performed on a square lattice with the same parameters as in
the rate equations. They are in perfect agreement with experiment and rate
theory. The results from KMC simulations performed on a hexagonal lattice
accounting for the dendritic island shape [108] are hardly discerned from the
KMC results shown here. In general, KMC simulations have served as valuable
test for nucleation and scaling theories [106, 118-121]. For our example of
Ag/Pt, Fig. 18b shows that the self-consistent rate equations are in quantitative
agreement with these simulations and both perfectly describe the experiment.

Another common approach is to integrate rate equations of nucleation within
certain approximations for the capture numbers ©, significantly reducing the
calculational effort [92, 93]. These approximations are compared in Fig. 18b to
the exact solutions and KMC simulations discussed above. The capture numbers
describe the capability of islands or monomers to capture diffusing adatoms.
They generally involve solutions of two-dimensional diffusion problems. This is
not the case in the geometrical concept [122] where capture numbers are
assumed to scale with the island diameter seen by the approaching monomers.
This concept, when applied to fractal islands, yields 6x = 2+x1/1.7 (with x being
the island size in atoms, the constant of 2 accounts for atoms diffusing towards
sites adjacent to the island perimeter). This approximation has successfully been
applied to calculate the evolution of island densities with coverage at a single
temperature [92]. It has been shown, however, to be inconsistent in so far as it
yields a higher slope in the Arrhenius representation of the island densities
compared to the slope expected from Eq. (7) [93]. It was noted early that the
geometric concept gives even more inaccurate predictions than constant capture
rates [123], which should therefore be preferred as the most simple
approximation. A more elaborate approach is obtained from solving the
diffusion equation in the lattice approximation [104, 123]. This yields an
analytic expression for oy (stable islands) that depends only upon coverage. For
monomers, on the other hand, a constant value of 6; = 3 corresponding to the
geometrical concept can be used for simplicity. The rate equations for
monomers and stable islands read for the case of metal epitaxy at low
temperatures, i.e., for dimers being stable and immobile and neglecting re-
evaporation (compare Eqns. 2.3, 2.5, 2.6. and 2.8 in ref. [82]):

%1— =F-20,Dn} - 6,Dn;n, — F(Ft—n,)—2Fn, ®)
%nt—x = Ganf + Fn, &)

The terms on the right hand side of Eq. (8) denote the increase of monomer
density due to deposition with flux F, their decrease due to the encounter of two
diffusing atoms under creation of a dimer associated with the disappearance of
the two atoms, the decrease occurring when a monomer is captured by a stable
island, and the last two terms denote the decrease caused by direct impingement
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onto stable islands, respectively monomers. In Eq. (9) the terms on the right
hand side account for the increase of stable island density ny due to creation of
dimers, first when two monomers meet by diffusion, and second upon direct
deposition onto a an adatom. For sake of comparison with the self-consistent
analysis above, coalescence is neglected in Eq. (9); incorporation would add a
further term -2n,(F-dn;/dt).

The result from numerical integration of these equations within the lattice
approximation (see dash-dotted curves in Fig. 18) is seen to compare well to
self-consistent rate theory as well as to KMC simulations and experiment (apart
from the small deviation in slope). In variance to this result, the lattice
approximation has earlier been reported to yield slightly too high values [93].
This discrepancy might be ascribed to a small difference in the equations used
by Bott et al., i.e., they did not account for direct impingement onto monomers
expressed by the last terms in Eqns. (8) and (9). Note, that coalescence is not
very accurately described by the coalescence term, e.g., for 1 ML the island
density stays at a finite value.

In summary, the straight forward analysis of island densities by mean-field
nucleation theory by means of Eq. (7), when performed for D/F > 105 and a
critical nucleus size of one, allows to determine the energy barriers and attempt
frequencies for surface diffusion with good accuracy. This precision can further
be increased when comparing experimental data to self-consistent mean-field
theory or to KMC simulations, which both are fully consistent to each other. In
addition, nucleation theory has recently been subject of rather direct
experimental tests which all underline its validity for isotropic substrates [9, 87,
92, 117]. This has placed its application for extracting parameters for surface
diffusion from island densities on a firm basis. Also for anisotropic substrates, a
mean-field treatment was put forward [97], and applied to estimate diffusion
barriers [94, 95].. For these cases, however, generally more experimental
information is needed to discern anisotropic terrace diffusion from anisotropic
diffusion around and sticking to the island edges [95, 96]. For this purpose, and
generally for cases where many diffusion processes are involved, as well as for
island size and distance distributions, KMC simulations are a valid tool for
comparison with experimental data and as a check for predictions from mean-
field and scaling theories.

4.2, Effect of isotropic strain on surface diffusion and nucleation

Isotropic strain, as it appears in the growth of pseudomorphic heteroepitaxial
layers, is the variation of the in-plane lattice constant of the film material with
respect to its bulk value. Theoretically, it has been pointed out several times that
surface diffusion and thus nucleation should be altered by strain. Two molecular
dynamics simulations were proposing that for semiconductor surfaces strain
changes adatom mobilities -[75, 76]. A theoretical study was explicitly
investigating the effect of strain on the nucleation kinetics on vicinal surfaces
[77] and there was even the suggestion to apply strain in order to influence the
growth kinetics - with the goal to grow linear structures attached to the steps of a
vicinal substrate [78]. Only very recently, however, the influence of strain on
surface diffusion and nucleation has been addressed experimentally. The
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experiments showed that the barrier to surface migration on a pseudomorphic
Ag monolayer on Pt(111) is significantly reduced with respect to that on a fully
relaxed Ag(111) surface. This observation prompts the question whether this
effect is indeed due to strain, or rather caused by the electronic adlayer-substrate
coupling. Calculations within Effective Medium Theory (EMT) and very recent
ab-initio calculations [124, 125] demonstrate that in fact strain is by far
dominating electronic coupling. In this Section, we discuss these first
experimental and theoretical results on surface diffusion on isotropically
strained surfaces.

For the system Ag/Pt(111) there is a strong layer dependence of island
densities as becomes evident from inspection of Fig. 19. The three STM images
were obtained for low temperature nucleation of Ag on Pt(111), on the first Ag
monolayer grown on Pt(111), and on Ag(111), respectively (see Figs. 19a - 19c).
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Figure 19. STM images showing the nucleation of submonolayer coverages of Ag on Pt(111)
a), IMLAg/Pt(111) b), and on Ag(111) c), respectively. (a) T=65K; (b)) T=65K;(c) T=
60 K, size 307x307 Az). d) Arrhenius plot of saturation island densities derived from STM for
nucleation of Ag on Pt(111) (M), on IMLAg adsorbed on Pt(111) (&), and on Ag(111) (@),
respectively. From [9].
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The lowest island density is observed on the first Ag layer. The structure of
this layer is pseudomorphic with respect to the Pt(111) substrate [23, 40, 41,
126]. The Ag interatomic distance in this layer is therefore reduced by 4.3%
with respect to the Ag bulk value. The Ag(111) surface has been prepared by
deposition of a thick Ag film onto Pt(111) at 450 K and subsequent annealing to
800 K. This yields extended, perfectly flat terraces, giving rise to a single
diffraction peak in high-resolution He-diffraction measurements which
corresponds to the interplanar lattice constant of bulk Ag(111) of 2.89 A [47.
The temperature dependence of saturation island densities on these three
substrates shows strongly differing slopes, indicative for differing migration
barriers (see Arrhenius in Fig. 19d). Nucleation on the pseudomorphic Ag layer
is characterized by the smallest slope, followed by Ag(111) and finally by
Pt(111). These slopes directly yield the parameters for surface diffusion on these
layers, since dimers are stable for the data shown here. This is indicated by the
absence of bends in the Arrhenius and has also been verified by dimer annealing
experiments. The resulting migration barriers E,, on the different isotropic layers
amount to 168110 meV for Ag/Pt (see preceding Section), 60+10 meV for the
pseudomorphic Ag layer and finally 97410 meV for Ag diffusion on a strain-
free Ag(111) surface [9].

The most conspicuous effect uncovered by the STM experiment is the low
barrier for Ag diffusion on the pseudomorphic Ag layer compared to unstrained
Ag(111). Two effects are conceivable to cause the observed lowering. It may
either be due to the 4.3% compressive strain or an effect of the electronic
adlayer-substrate coupling. In order to decide which of both is dominant we
consider the results from EMT [127, 128] calculations represented in Fig. 20.
These calculations have been performed for a Ag atom adsorbed on a
periodically repeated 6x6 cell of a 5 layer thick slab; the three upper layers of
which were free to relax. The adatom is then pulled over this surface, allowing
its position to relax freely in a plane perpendicular to the vector of displacement
to find the minimum of total energy in course of this displacement. The
diffusion barrier Ey, is then determined as the difference in total energy between
the transition state (bridge site) and the preferred adsorption site (fcc- or hep-
hollow).

In order to investigate the effect of strain on the diffusion barrier, the
Ag(111) slab has been subjected to strain by changing its lateral dimensions
while leaving it free to relax in the (111) direction. The EMT results presented
in Fig. 20a clearly show that strain has a pronounced influence on migration
barriers. For a compression of 4.3% the barrier is lowered from 67 to 40 meV,
respectively by 40% This compares well to the experimentally observed
lowering. Regarding absolute values, it is known that EMT underestimates
diffusion barriers on close packed surfaces [129, 130], however, the order of the
calculated barriers is in full agreement with the experimental values for our
example [9]. The migration barrier for Ag on a pseudomorphic Ag monolayer
on Pt(111), on the other hand, is found in the EMT calculations to be only
slightly higher (50 meV) than the strained Ag(111) case. These calculations
therefore suggest that electronic effects of the Pt substrate even slightly decrease
the effect of strain, at the same time they identify strain as the dominant origin
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for the observed lowering of the migration barrier.

Rather good absolute values for migration barriers on close packed surfaces
have recently been provided by ab-initio calculations, either performed within
Local Density Approximation (LDA) or with Generalized Gradient
Approximation (GGA). The barrier for Ag/Pt(111) has been calculated by
Feibelman to 200 meV [131], and recently by Ratsch and Scheffler to 150 meV,
both in good agreement with the experimental value. For Pt(111) self-diffusion,
the theoretical values (380 meV [130], 390 meV [125]) lie above the established
experimental result of 0.25 eV [93, 130]. For Ag(111) self-diffusion 100 meV
has was calculated by J. J. Mortensen et al. using calculations with GGA [125]
in agreement with the LDA value of 90 meV obtained by Ratsch and Scheffler
[124] (a slightly higher value of 140 meV was reported in a recent LDA
calculation [132]). As in the case for Ag/Pt, also these theoretical numbers are in
good agreement with experiment (97£10 meV, see above). Therefore, it is
particularly valuable that these more precise calculations are in agreement with
the interpretation formerly deduced from the EMT results presented above.
Ratsch and Scheffler find reduced diffusion barriers on the pseudomorphic Ag
layer on Pt(111), 65 meV, as well as on a compressively strained (by 4.3%)
Ag(111) slab, also 65 meV [124]. These values agree well with the experiment
and fully support the interpretation that strain is the origin for the decrease in the
diffusion barrier (40%) on a compressively strained Ag layer (4.3%) when
compared to strain free Ag(111). This result is corroborated by Mortensen et al.
who explicitly address the correlation of strain and diffusion barriers and
calculate the derivative of E, with lattice mismatch for several transition metals
[125].
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Figure 20. EMT calculations of (a) the barrier for Ag self diffusion on a Ag(111) slab, and (b)
binding energies in the transition (bridge) and binding (hollow) sites as a function of tensile or
compressive strain. From [9].

The physical reason for the strong influence of strain on the diffusion barrier
at a close packed surface can be analyzed on hand of EMT calculations. From
Fig. 20b it is seen that the binding energy in the three-fold hollow site increases
almost linearly with strain. The binding energy in the transition state, on the
other hand, varies only little for strains in the range of +2%. Since the migration
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barrier is the difference between these two values, it varies almost linearly in
that range; increasing for tensile and decreasing for compressive strain. The
decrease of the diffusion barrier induced by compressive strain is mainly caused
by a smaller binding energy in the hollow site. As expected, for tensile strain the
binding energy in the hollow is increased, which leads to the increase in Ey,. For
larger compressive strains, migration becomes increasingly fast, the barrier
attains half of the unstrained value at 4.8% compression. At high tensile strain
(> 3.5%) the transition state drastically decreases its energy which explains the
bending of the curve and the second decrease in Ey,. This can be understood by
the increasing softness of the layer with increasing lattice constant. Thus atoms
involved in the bridge configuration corresponding to the transition state can
relax more efficiently. The result is that the barrier attains a maximum (75 meV
at 3.5% tensile strain) and then it drops upon further increase of the lattice
constant. Ab-initio calculations don't find this second decrease of E,, apart from
this they fully support the physical picture derived here from EMT [124].

The experimental results discussed in this Section, although available for
only one system so far, suggest that isotropic strain in general may have a
pronounced influence on adatom mobilities. This is supported by recent ab-initio
calculations performed for self-diffusion on strained fcc(111) surfaces of several
metals [125]. For all studied metals (Ni, Pd, Pt, Cu, Ag, Au) the authors find
tendencies similar to that of Ag/Pt(111), i.e., decreasing barriers for
compressive, and increasing barriers for tensile strain. We will discuss in
Section 4.4. below that strain also strongly influences interlayer diffusion.
Therefore, the entire nucleation and growth kinetics of heteroepitaxial systems
may be dominated by these strain effects.

4.3. Nucleation on anisotropically strained substrates

As has been discussed in Section 2 of this chapter, the strain energy present
in heteroepitaxial systems can lead to a transition from pseudomorphic to
weakly incommensurate layers. Together with the substrate reconstructions
these weakly incommensurate surfaces all have in common non-uniform
interatomic distances, i.e., they reveal anisotropic strain. In the preceding
Section we have seen how sensitive barriers for surface diffusion depend on
isotropic strain, we therefore expect strong effects on the nucleation kinetics also
for anisotropic strain. The example for Ni/Ru(0001) (see Fig. 15) already
showed that this is the case. In this Section we will discuss the effect of
anisotropic strain in more detail in concentrating on the case of fcc(111) surfaces
and the role played by their partial dislocations in nucleation kinetics. We will
first show two examples for nucleation on the Au(111) surface with its
reconstruction revealing a higher density of surface atoms. In comparison, we
discuss an example of nucleation on a surface where the partial dislocations
reduce the surface density, i.e., on a regular dislocation network of the second
Ag layer on Pt(111).

The (111) surfaces of Au and Pt are known to reconstruct, driven by the
considerable tensile stress in the outermost layer. As discussed in detail in
Sect. 3.1. these reconstructions consist in the introduction of a certain density of
dense domain walls, or partial dislocations, between alternating fcc and hcp
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stacking regions.

Chambliss and coworkers showed that the "elbows" at the Au(111) surface,
where the partial dislocations bend act as sites of preferred nucleation for Ni
deposited at room temperature [133-135]. This leads to quite regularly spaced
islands accompanied by a narrow island size distribution (see Fig. 21).
Preference of nucleation at, or close to elbows of the Au reconstruction was also
observed for room temperature deposition of Fe [136, 137], Co [138], and Rh
[139]. The case of Au(111) auto-epitaxy is less clear. In a study by Chambliss et
al., too few islands formed at room temperature precluding statistically
significant statements [134]. In contrast, in an earlier work nucleation has been
found at elbows, however, in that study the sample was transferred through air
which is likely to invoke contamination problems [140]. For Ag, on the other
hand, nucleation is homogeneous and independent of the mesoscopic order of
the (\/§x22)-reconstruction [141, 142]. The same is true for Cu [143] and also
for Al as we will discuss below.

200 A

Figure 21. STM images of Ni nucleation on the ((ﬁxZZ)-reconstructed Au(111) surface at
room temperature. a) Large scale image showing the monolayer Ni islands aligned in rows
along the (112)—directi0ns (® = 0.11 ML). b) Detail showing that islands are located at
elbows of the herringbone reconstruction (@ = 0.14 ML). From [133].

The distinctive anisotropy of the nucleation probability at elbows of the
reconstruction, found so far for Ni, Fe, Co, and Rh, was ascribed by Chambliss
et al. in the case of Ni/Au(111) to attractive potential wells located at elbows
which effectively trap single diffusing atoms. It has been shown in a Monte-
Carlo simulation that already small trapping probabilities at the elbows may be
sufficient to cause the experimentally observed alignment of islands [133]. Very
recently, the system Ni/Au(111) was revisited evolving an alternative
explanation [144]. The authors demonstrated that the Ni adatoms perform a
place exchange with Au surface atoms localized at the elbows, followed by
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preferential nucleation of Ni islands on top of substitutional Ni atoms. The
elbows are areas of locally increased strain, since there a close packed atomic
row terminates, as directly demonstrated on hand of STM images of these
regions [133, 145]. As a result, there is one Au atom with only 5-fold lateral
coordination. The reason for preferred place exchange at elbows is thought to be
this reduced coordination in these highly strained areas rendering place
exchange easier than throughout the terraces.

A necessary condition for preferred nucleation at elbows, or in general at
dislocations is that these can be reached by adatoms, which implies that the total
binding energy must either stay constant or increase at these sites (the latter
would render dislocations attractive). On the other hand, if the binding energy
decreases at dislocations, they constitute repulsive barriers that may effectively
reflect migrating adatoms. As an example for the latter case we discuss the
nucleation of Al again on the reconstructed Au(111) surface at low temperature
[146]. From the STM image shown in Fig. 22 it is seen that at 150 K Al islands
nucleate in-between the partial dislocations of the otherwise unperturbed
reconstructed Au(111) surface.
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Figure 22. Arrhenius plot of saturation island densities deduced from variable-temperature
STM for the nucleation of Al on the x/§x22)-reconstmcted Au(111) surface (® = 0.10 -
0.15 ML, F = 3.1x10-4 ML/s). The inset show’s that islands nucleate in-between the partial
dislocations (® = 0.04 ML, T = 150 K, F = 3.1x10-4 ML/s). From [ 146].

In the Arrhenius plot of the saturation island density there are three regimes
of nucleation clearly distinguished by their markedly different slope. For
temperatures below 200 K, mean island distances lie below the distance between
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dislocations. (The corresponding island density is marked by the dashed
horizontal line.) This indicates that also the mean free path of diffusing atoms is
below this value and the adatoms predominantly diffuse and nucleate on the
isotropic fcc and hcp areas and do not see much of the dislocations. For this
regime a migration barrier of 3015 meV is extracted from the slope under the
assumption of isotropic diffusion. This barrier compares well with results from
density-functional-theory (DFT) calculations performed by Stumpf and
Scheffler yielding a barrier of 40 meV for Al(111) self-diffusion [147]. Notice,
however, that for Au(111) self-diffusion a much higher barrier (0.22+0.03 eV)
has been calculated also with first principles methods [132].

At temperatures above 200 K the adatoms cross dislocations as the mean
island separation becomes larger than the dimensions of the (+/3x22)-unit cell.
The diffusion over partial dislocations is associated with an increased barrier,
reflected in the strongly increased second slope. Here, a quantitative analysis in
order to extract an effective barrier for crossing dislocations would require a
KMC simulation, since mean-field nucleation theory is no longer applicable for
this particular case. We notice, however, that this barrier is significant,
compared to the small barrier to diffusion on the pseudomorphic parts of the
substrate. The finding that dislocations can represent repulsive barriers is
corroborated by EMT calculations performed for Pt/Pt(111) [148]. In these
calculations, the binding energy of the Pt adatom is found to be decreased as it
approaches the partial dislocation. Even if the change in total energy is small
(half the migration barrier) , it is feasible to lead to drastic changes in diffusivity
because atoms have to make successively several jumps into unfavorable
directions to overcome a dislocation. This interpretation is supported by
experimental evidence for a high effective barrier towards crossing of
dislocations for Pt/Pt(111) recently reported from STM observations on the
nucleation behavior of this system at 650 K [79]. At temperatures above 400 K
the Pt(111) substrate surface is known to reconstruct in the presence of Pt
adatoms [32]. The dislocations associated with the reconstruction are observed
to lead to a strongly reduced mobility on the reconstructed substrate terraces.
Since islands do not reconstruct, the mobility remains high on-top of them (see
Fig. 14, we have the case where D, >> D;.1). Together with the fact that the
interlayer barrier can readily be overcome above 400 K, this causes the most
perfect layer-by-layer growth observed so far [71, 79].

- The third nucleation regime of Al/Au(111) sets in at 245 K and is again
clearly discerned by its slope in the Arrhenius in Fig. 22. It is due to
modification of the reconstruction associated with alloy formation [149]. Alloy
formation with the Au(111) surface has also been found for Pd from 240 K on
[150], and for Rh on upon annealing to 670 K [139].

A case of nucleation on a regular network of dislocations of reduced density
has been reported for Ag nucleation on the second Ag monolayer adsorbed on
Pt(111) [9]. The second Ag layer transforms upon annealing to 800 K from a
striped incommensurate phase into a trigonal network of crossing dislocations as
discussed in detail in Sect. 3.1. Ag nucleation onto this surface at low
temperature leads to a high density of islands where the majority is located away
from dislocations [9]. This implies that they constitute repulsive barriers as in
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the preceding example. For increasing temperatures the island density
approaches a minimum at 110 K, where only one island forms per network unit
cell. Figs. 23 a) and b) show nucleation at 90 K and 110 K with on the average
1.3 and 1.1 islands per unit cell of the superstructure. Note that very few of the
islands form on dislocations, the majority nucleate on the hexagons of the unit
cell, which are pseudomorphic with fcc stacking [40].

These examples illustrate that dislocations in general strongly influence
nucleation. They can constitute rather effective repulsive barriers, leading to an
increased island density, even if diffusion on the homogeneously strained parts
of the surface may be fast. Dislocations can also act as preferred nucleation sites
which can be understood in terms of localized strain which either facilitates
exchange or locally increases migration barriers, or binding energies. Whether
dislocations act as nucleation sites or reflective barriers for migrating atoms
depends on the variation in binding energy, the diffusion barrier when crossing
the dislocation, as well as the tendency to alloy formation, and has to be
investigated for each particular system.

100 A

Figure 23. STM images showing nucleation of Ag on a regular trigonal network of
dislocations formed by 2 ML Ag/Pt(111) after annealing to 800 K. a) T = 90 K, island density
nx = 1.3 per unit cell of superstructure, @ = 0.03 ML, (b) T = 110 K, nx = 1.1 per unit cell of
superstructure, © = 0.12 ML. From [9].

Independent from the respective nature of the interaction, the influence of
dislocations and in general anisotropic strain on nucleation can be applied to
significantly decrease the width of island size- and distance distributions when
compared to nucleation on isotropic substrates. Here, one takes advantage of the
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fact that there is generally a strong repulsive interaction between dislocations
often leading to their arrangement in periodic patterns. Fig. 23b shows that quite
regularly spaced islands with a narrow size distribution may result upon
nucleation on such a network. Also in moiré patterns, there are periodic
variations in strain and/or adatom binding energy which may similarly lead to
regular island spacing for nucleation on these layers. It has to be kept in mind,
however, that, at least for the case of repulsive barriers, one is confronted with
the fact that there is no plateau in temperature for the desired island density of
one island per superstructure unit cell but rather a change in slope necessitating
the careful choice of the deposition temperature. The influence of anisotropic
strain on surface diffusion can also be the key to understand anisotropic
diffusion observed on hex-reconstructed fcc(100) surfaces [95, 96]. Finally,
anisotropic strain is in general expected to strongly influence surface diffusion
and nucleation. This has direct implications for growth morphologies of
heteroepitaxial systems with lattice mismatch and even for homoepitaxial
systems when they are unstable upon reconstruction due to their intrinsic tensile
stress.

4.4. Strain and interlayer diffusion

When an adatom approaches a descending step, it generally encounters an
additional energy barrier for descend. This additional step edge barrier, AE = Eg
- Ep, is the energy barrier for an adatom to descend the step minus the diffusion
barrier on a flat terrace (see potential energy diagrams in Fig. 24). Although first
experimental evidence for this barrier was observed already 30 years ago by
Ehrlich and Hudda [151] and theoretical consequences were discussed at that
time by Schwoebel and Shipsey [152, 153], quantitative measurements of AE
are rare [154, 155].

a) Ag/Ag(111) b) Ag/Ag-Islands/Pt(111)
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o i E, ,=60meV
o 2 e
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o 01 : -
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Figure 24. Potential energy diagrams (a) for Ag(111) homo- and (b) for Ag/Pt(111)
heteroepitaxy of the first layer. From [10].

In addition to these direct measurements by FIM, there have been various
approaches to derive estimates for AEg from the film morphology at a given
coverage and temperature, mostly obtained from STM. In the absence of
interlayer mass transport the exposed coverages in successive layers obey a
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Poisson distribution. The deviation of the layer occupancies from this
distribution, due to a certain amount of interlayer transport, can be analyzed to
estimate the additional step edge barrier. For this purpose typically a linear
model for interlayer mass transport [156] is applied. In recent literature, this
model has been refined to account for layer dependent interlayer [74] and also
intralayer diffusivity [157, 158]. Also a model based on the critical coverage for
second layer nucleation has been applied to STM data [158].

Recently, Tersoff et al. used mean-field nucleation theory to show that the
nucleation rate on-top of islands reveals a sharp transition from 0 to 1 with
increasing island radius [159]. Based on this approach, a general method for the
quantitative determination of the additional step edge barrier was developed
[10]. From the measurement of the nucleation rate on-top of previously grown
islands as a function of their size and substrate temperature, AE; and the
corresponding attempt frequency can be inferred with high accuracy. As
ingredients, one needs to know the parameters for terrace diffusion and the
critical cluster size on-top of the islands.

We discuss this method for the example of Ag(111) homoepitaxy which has
frequently been addressed in recent literature [10, 74, 160, 161]. It reveals a
considerable additional step edge barrier [10, 157, 158] and thus grows 3D
below 400 K while it grows 2D (step flow) at elevated temperatures [74]. We
will compare the results to Ag heteroepitaxy on Pt(111). As in the case of
terrace diffusion, also interlayer diffusion is strongly influenced by strain.

A fist step for the experiment is the preparation of a high abundance of
circular 2D islands with a size distribution sufficiently broad to enable the study
of the nucleation rate on-top of these islands as a function of their size. Such a
distribution of islands can be synthesized in a simple way via Ostwald ripening
[107]. Fig. 24 shows STM images of 2D Ag islands grown on a Pt(111) surface
by annealing dimers and trimers created from a low temperature deposition
experiment. There is a clear threshold temperature for the onset of Ostwald
ripening as inferred from the graph in Fig. 25. This temperature is 100 K in our
case of annealing periods lasting half an hour. This threshold bears valuable
information on critical cluster sizes and their mobility; since dimer (and trimer)
dissociation and their mobility would lead to detectable island coarsening, both
can be excluded below this threshold. Annealing to higher temperatures leads to
an exponential increase in mean island size due to Ostwald ripening, i.e.,
stronger evaporation from smaller islands leading to their decay in favor of
larger ones. The islands of 6, 14, and 200 atoms average size are to a good
approximation circular. Those containing 800 atoms on the average begin to
approach the thermodynamic equilibrium shape, i.e., a distorted hexagon with
the two kinds of close packed steps having different length's according to their
free energy difference [107, 114].

The size distributions of Ostwald ripening satisfy a scaling law and are by a
factor of 2 more narrow than those obtained from nucleation experiments [108].
As we will see below, the width is still sufficient to study the nucleation rate as a
function of island size. Notice that this method of preparation of circular islands
by Ostwald ripening is generally applicable to a any epitaxial system that does
not show intermixing at the required annealing temperatures.
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Figure 25. STM images showing that compact 2D Ag islands with defined sizes are obtained
via deposition of 0.1 ML Ag at 50 K on Pt(111) and subsequent annealing. The graph shows
the exponential increase of the mean island size with annealing temperature due to Ostwald
ripening. From [107].

To study the nucleation probability on these well prepared 2D islands, a
submonolayer coverage is then deposited in a second step at a certain
temperature. As can be seen from Fig. 26 only a fraction of the preexisting
islands reveal second layer islands on-top, the smaller islands are mostly bare of
second layer nuclei. In addition, the critical size for second layer nucleation
increases with increasing temperature (compare Fig. 26 a and b, where the
second deposition step has been performed at 60 K and 85 K, respectively). Due
to the low coverage of the preexistent islands most of the deposited material
lands on the substrate surface (in our example 90%). These atoms then either
form additional islands in-between those prepared by Ostwald ripening, as the
case in Fig. 26, or they attach to the preexisting islands and contribute to their
growth. These two cases will have to be distinguished in the analysis described
below.
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Figure 26. STM images showing the results of nucleation experiments, in which 0.1 ML Ag
were deposited (F = 1.3x10-3 ML/s) on compact 2D Ag islands that have previously been
prepared by Ostwald ripening on Pt(111). From [10].

The fraction of islands revealing second layer nucleation deduced from a
large number of STM experiments, taken out at three different temperatures, is
shown in two graphs in Fig. 27 for the case of Ag homoepitaxy and Ag/Pt(111)
heteroepitaxy, respectively. It is clearly seen that there is a well defined
transition for the nucleation probability from O to 1 as the island size increases.
The curves show the best fits to the experiment resulting from a calculation
applying mean-field nucleation theory [159]. This theory yields that the
nucleation rate on-top of an adisland strongly depends on the 2D monomer
density that builds up there (to the power of the stable island size).

Under steady state conditions, i.e., the incident atom flux onto an island
equals the downward flux from that island at its perimeter, and for circular
islands, this density has a parabolic radial dependence. Its maximum is located
at the island center and determined by the island size and the ratio of interlayer-
to terrace diffusion. This ratio is given by exp(-AE¢/kT), where AE; is the
additional step edge barrier introduced above. Integrating the nucleation rate
over the island area in course of deposition yields the curves shown in Fig. 27.
Depending on the mean-free path of adatoms on the substrate compared to the
mutual distance of the preexistent islands these may grow during the second
deposition step due to diffusion and attachment of material that has been
deposited on the substrate. This can be accounted for in including a variation of
island size when integrating the nucleation rate over time [10].

In analyzing STM data obtained at various temperatures one can clearly
separate the attempt frequency form the additional barrier for interlayer
diffusion. The first predominantly shifts the whole set of curves along the
abscissa in Fig. 27, whereas the latter largely determines the horizontal distance
between the curves for the various temperatures. The fits are rather sensitive to
the only free parameters, vy and AE;, especially to the choice of AEg, which in
turn allows its precise determination.
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Figure 27. Quantitative evaluation of the nucleation probability for Ag in 2D Ag islands on
Ag(111) (a) and Pt(111) (b). The fraction of covered islands is shown as a function of island
radius and deposition temperature determined from STM experiments in comparison to
theoretical curves representing the best fits. From [10].

For Ag homoepitaxy an additional step edge barrier of AEs = 120+£15 meV is
obtained with this method. This is higher than the Ag adatom diffusion barrier of
97 meV (see Fig. 24) and explains the 3D growth of the homoepitaxial system
experimentally observed below 400K [74]. The values estimated for Ag(111) in
previous studies, either from layer occupancies (150+20 meV) [157] or from the
critical coverage at the onset of second layer nucleation (0.19 - 0.23 eV) [158],
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are both slightly higher than the value for AE determined above. Both
evaluations are based on STM data obtained at a single temperature and
therefore presumably reveal higher uncertainties than the value derived above
frf)mdthe temperature dependence of the nucleation rate on-top of preexistent
islands.

The additional activation energy for step-down diffusion in the strained
heteroepitaxial system Ag/Ag islands/Pt(111) is determined to AEs = 30+5 meV.
This is only 25% of the barrier in the homoepitaxial case and thus remarkably
small. There are two differences to the homoepitaxial case which are
conceivable to cause the observed lowering of AE;. While in homoepitaxy both,
upper and lower terrace are energetically on the same level, energy levels of
successive layers may be different in heteroepitaxy. In the case of Ag/Pt(111)
the binding energy for an Ag adatom on the 1st Ag layer is about 170 meV lower
than on the Pt(111) substrate [126] (see Fig. 24). This energy difference might
be thought to bend down the potential at the step, implying, however, that the
energy gain must be available to the descending atom already in its transition
state. Whether this is reasonable certainly depends on the microscopic
mechanism for descend. The second difference with respect to Ag(111)
homoepitaxy is the substantial compressive strain of 4.3% inherent in the 1st Ag
layer on Pt(111) [10]. The pseudomorphic islands preferentially relieve their
strain at the edges where the Ag atoms are free to expand laterally. This edge
relaxation can certainly favor exchange processes which have been suggested as
the mechanism associated with the lowest barrier for atom descend on fcc(111)
surfaces [129, 147, 162]. The strain argument is strongly corroborated by the
observation that the low interlayer barrier is only observed where the Ag layer is
free to relax at its edge. If this is not the case, e.g., where the Ag layer touches a
former Pt step, atom descend is inhibited leading to the formation of pin holes at
steps [36]. Similarly to the first Ag layer, descend from the second Ag layer is
found to have a reduced additional barrier of AE; = 60120 meV as estimated
from layer occupancies [36]. Presumably, also here the strain still present in the
second layer is causing the slightly reduced barrier with respect to the strain free
Ag(111) case.

Strain can also be thought to be involved in the decrease of AEg caused by
certain surfactants. As an example we consider the oxygen mediated layer-by-
layer growth of Pt/Pt(111) [163]. Pt islands on Pt(111) are under tensile stress.
Chemisorption of an electronegative adsorbate like oxygen at the island edge
weakens the lateral bond of the edge atoms towards the island. This manifests
itself in a detectable outward relaxation of the edge atoms [164]. Outward
displacement of edge atoms constitutes the first step to adatom descend by
exchange. Therefore, the outward relaxation of edges, either by strain or by
electronegative adsorbates, can lower the barrier to interlayer diffusion.

Notice, all values for interlayer diffusion discussed here represent effective
barriers, they can not unambiguously be assigned to a microscopic diffusion
process. These effective barriers, however, determine the growth morphology in
a real deposition experiment and its precise measurement with the method
outlined above is therefore rather valuable. The nucleation rate method is an
alternative to FIM measurements for the determination of AE;. FIM studies
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generally allow to trace the atoms in their initial and final state before and after
descend, in order to find the microscopic pathway. However, for interlayer
diffusion, this is often hampered by edge diffusion immediately following
descend [155]. In some cases, the effective barriers measured with the
nucleation method can be related to a microscopic process. If there is an
interlayer process associated with a particularly low barrier, than the measured
effective barrier presumably reflects the activation energy for this most efficient
process. For close packed surfaces, e.g., the process associated with the lowest
barrier is likely to be exchange at B-steps, since there atoms move out more
easily than at straight A-steps.

The example of Ag/Pt(111) shows that the step-edge barrier on the
pseudomorphic Ag-islands is found to be substantially lowered with respect to
the homoepitaxial system. This lowering is related to relaxation effects at the
edges of the compressively strained islands. It is likely that stain in general
strongly influences adatom descend at steps. Due to the example discussed here
compressive strain facilitates interlayer diffusion, which presumably takes place
through exchange on fcc(111) surfaces. It is certainly very interesting to apply
the method for the quantitative measurement of AE described above to further
study the influence of strain on interlayer diffusion. The results obtained so far,
clearly indicate that strain effects can cause layer dependent interlayer barriers
which will have to be taken into account for modeling the kinetics in
heteroepitaxial growth.

Within the recent years considerable progress has been made in the
quantitative understanding of the microscopic processes involved in epitaxial
growth. New methods have been developed to determine their activation
energies. They rely on the application of mean-field nucleation theory or Kinetic
Monte-Carlo simulations to island densities obtained from measurements with
variable-temperature STM. This technique supplements FIM measurements
which so far have been the most important and precise source for activation
energies for diffusion of single particles. Other than FIM, the new approach with
variable temperature STM allows to study strain effects and diffusion on large
areas. The examples reviewed in this Section are the first experimental
indication that strain has a pronounced effect on terrace, as well as on interlayer
diffusion. The activation energies obtained for various systems with this new
technique are valuable for comparison with theoretical calculations which in the
past improved considerably concerning absolute values. Together with theory,
the recent progress in experimental study of the relevant microscopic processes
has certainly increased our understanding of the kinetics of epitaxial growth.
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